Abstract: When subjected to extended exposure to intermediate service temperatures, Cr-Mo steels, Ni-Cr steels, and 5% Ni steels can become embrittled, with an associated decrease in fracture toughness and a shift in the ductile-to-brittle transition temperature to higher temperatures. Two methods for the investigation of temper embrittlement phenomena are isothermal aging or the use of a step cooling aging treatment, which is less time consuming and is considered to be the most severe test to evaluate steel's susceptibility to this phenomenon. In the present work, the effectiveness of the step cooling treatment in the assessment of temper embrittlement in a superclean 26NiCrMoV14.5 steel for heavy section forgings has been studied. Some isothermal aging treatments in the critical temperature range have also been carried out. Results of a Charpy V impact test on not-aged and aged specimens, and observation of the fracture surfaces led to the following conclusions: the steel does not undergo temper embrittlement upon step cooling treatment or after aging at different temperatures and times in the critical temperature range; the most negative effect on the shift of the ductile-to-brittle transition curve-compared with not aged steel-has been observed after aging at 593 • C for 2 h (∆T54J = 9 • C); further aging up to 8 h produced a ∆T54J of only 1 • C. Neither step cooling nor aging at various critical temperatures gave rise to an intergranular brittle fracture; the amount of embrittling impurity elements in a superclean steel does not seem to be enough to cause embrittlement and a pure intergranular decohesion.
Introduction
For a long time, many research works have reported the influence of grain boundary segregation of either impurities or alloying elements on the temper embrittlement of Cr-Mo steels [1] [2] [3] , Ni-Cr steels [4, 5] , and 5% Ni steels [6] .
When subjected to extended exposure to intermediate service temperatures, these steels can become embrittled with an associated decrease in fracture toughness and a shift in ductile-to-brittle transition temperature (DBTT) to higher temperatures. The embrittlement-which is referred to as temper embrittlement-is mainly caused by changes in the microchemistry of grain boundaries, which becomes the preferred path for fracture [7] [8] [9] [10] [11] [12] [13] [14] [15] [16] . Temper embrittlement is a not-hardening embrittlement and stems from grain boundary segregation of impurity elements as a result of prolonged exposure in the temperature range of 350-600 • C.
However, it must be underlined that two embrittlement mechanisms superimpose for these types of alloys during aging in the embrittlement temperature range, namely: (a) the gradual migration 2 However, it must be underlined that two embrittlement mechanisms superimpose for these types of alloys during aging in the embrittlement temperature range, namely: (a) the gradual migration of impurity elements such as P, Sn, As, and Sb to prior austenite grain boundaries, which results in the so-called reverse temper embrittlement [17] [18] [19] and (b) changes in the size and morphology of carbides for long aging times, which also cause brittleness of the steels [20, 21] . Both impurity migration and carbide modification are known to be temperature-activated phenomena. However, different temperatures do not necessarily result in the same microstructural and embrittling effect: the migration rate of impurities may vary from element to element, while high temperature may also produce a redistribution of impurity elements (reverse embrittlement), and equilibrium size and morphology of carbides are influenced by the level of temper temperature.
Factors affecting temper embrittlement are suggested to be chemical composition, temperature, holding time, and applied stress [18, 22] . Among these factors, the effect of chemical composition and temperature on temper embrittlement has been thoroughly investigated by most studies. For example, it is universally agreed that when the amount of impurities increases, the steel is more prone to temper embrittlement. Moreover, considering that the diffusion rate strongly depends on both time and temperature, one should be also aware of the effect of time and temperature. The higher the temperature and the longer the time of diffusion, the more the amount of segregated embrittling elements should be; hence, the greater the embrittlement effect should be on the alloy.
Two methods for the investigation of temper embrittlement phenomena are isothermal aging (holding the alloy for a long time at a constant temperature) or the use of a step cooling aging treatment.
Step cooling aging was introduced principally to study the effect of cooling from post-weld heat treatment (PWHT) in large components, whose cooling rate is long enough to induce embrittlement in particular in not superclean steels. For superclean steels, it is also of interest to study the effect of working conditions on embrittlement. Since isothermal aging at low temperatures requires a long period of time, it is a time-consuming method; the step cooling aging treatment for embrittlement investigations can therefore be considered for this purpose. Figure 1 shows a typical step cooling operation which is in use by the American Petroleum Institute (API) [23] ; low heating and cooling rates are as well specified (as reported below), and their contribution to damage accumulation is as important as holding at constant temperature. This treatment consists of: heating to 316 °C (heating rate not critical); heating at 56 °C/h to 593 °C; holding at 593 °C for 1 h; cooling at 6 °C/h to 538 °C; holding at 538 °C for 15 h; cooling at 6 °C/h to 524 °C; holding at 524 °C for 24 h; cooling at 6 °C/h to 496 °C; holding at 496 °C for 60 h; cooling at 3 °C/h to 468 °C; holding at 468 °C for 100 h; cooling at 28 °C/h to 315 °C; and cooling to room temperature in still air. Step cooling heat treatment carried out on the investigated superclean steel.
To assess the amount of temper embrittlement, the fracture appearance transition temperature (FATT) and the 54 J (40 ft-lb) transition temperature (TT54J)-as standardized for petrochemical Step cooling heat treatment carried out on the investigated superclean steel.
To assess the amount of temper embrittlement, the fracture appearance transition temperature (FATT) and the 54 J (40 ft-lb) transition temperature (TT54J)-as standardized for petrochemical reactors [23] , before and after aging or step cooling treatment-are usually measured. The temper embrittlement manifests itself as an increase in these parameters [24] .
A different way of assessing the sensitivity of steels to temper embrittlement is represented by the J-Factor, defined by Watanabe et al. [25] :
The J-Factor is a dimensionless factor related to the amount of indicated elements in wt %, and its value is used as a measure of the sensitivity of steel to temper embrittlement. For low alloy Cr-Mo steels, a limit of 100 has usually been set for its value; with the introduction of secondary metallurgy technologies for clean and ultra clean steels, lower and lower limits have been continuously proposed for the J-Factor.
In the last decades, many studies have been carried out [21, [26] [27] [28] aiming at a complete understanding of temper embrittlement, and different interesting theories have been proposed to explain the various factors that influence it. A recent interpretation of the phenomenon is based on the concept of non-equilibrium grain boundary segregation of impurity elements, particularly phosphorus [29] [30] [31] . According to this theory, the embrittlement increases in the first period of aging of the steel; as a consequence, the transition temperature (FATT) increases, and an intergranular fracture mechanism is observed. This embrittlement is due to impurity elements in the steel-in particular, phosphorus-that migrate to prior austenite grain boundaries and concentrate in solid solution close to them. For longer aging times, a decrease of embrittlement is then observed, and this effect is explained by the fact that the initial segregation of impurity elements is a non-equilibrium segregation. Therefore, after the initial segregation, the grain boundary concentration of phosphorus is much higher than in the grain interior, and the reverse diffusion of phosphorus towards grain interior prevails. Then, desegregation of phosphorus continues until it disappears after a certain period of time, when the diffusion process reaches full equilibrium [31] .
The role of the alloying elements towards temper embrittlement is not less important than that of impurity elements. The presence of Ni, Cr, Mn, and Mo in the steel remarkably increases the segregation, as they co-segregate with impurities; however, these elements segregate to grain boundaries only in steels containing impurity elements [12] .
Impurity elements (and some alloying elements) have a strong interaction that facilitates the reciprocal segregation; an impurity atom attracts atoms of an alloying element more easily than iron atoms, so the co-segregation of "impurity-alloying element" is highly favored. For example, this is the behavior of the couples P and Ni, P and Cr, and Sb and Cr. Furthermore, the presence of more than one alloying element is more effective in promoting the segregation of an impurity element to grain boundaries.
In the present work, the effectiveness of the step cooling treatment in the assessment of temper embrittlement in a superclean steel for heavy section forgings has been studied; up to now, the step cooling treatment is indeed considered to be the most severe test to evaluate steel's susceptibility to this phenomenon. In addition to the complete step cooling treatment, some isothermal aging treatments have been carried out in the critical temperature range of temper embrittlement to investigate their effect on embrittlement.
Afterwards, fractographic observations of the broken specimens have been carried out by means of scanning electron microscopy (SEM) to thoroughly investigate the fracture mechanisms at various temperature test conditions.
Materials and Methods
The steel investigated in the present paper is a 26NiCrMoV14.5 superclean steel, characterized by the chemical composition shown in Table 1 . This steel has been fabricated by ASO Siderurgica S.r.l. (Ospitaletto, Italy), starting from a selected scrap charge and according to a specially developed operative practice through an Linz-Donawitz furnace and vacuum degassing secondary metallurgy. The steel is used for a heavy section forged ring to be employed in the power generation industry.
The J-Factor for the produced superclean steel is calculated by putting the weight percents of Mn, Si, P, and Sn in Equation (2) . The obtained value is well below the limit given for normally clean steels, which is around one order of magnitude greater [32] .
A number of steel blocks (130 × 130 × 210 mm) have been machined out from the forged and heat-treated ring, and have been aged as follows at various temperatures in the critical range for temper embrittlement. First of all, the step cooling heat treatment shown in Figure 1 has been carried out as the reference embrittlement aging. The other aging treatments have been carried out at constant temperature, and each of them is a multiple of one single step of the step cooling treatment. The aging treatments carried out on the investigated superclean steel are reported in Table 2 . Charpy impact test specimens have been machined out from each as received (not aged) or aged steel block. The impact tests have been carried out using a Wolpert Probat PW 30/15 Charpy pendulum, in the range from −196 • C to room temperature, complying with ASTM E23.
Fractographic observations of broken specimens have been carried out by means of a scanning electron microscope LEO EVO 40XVP with microprobe Link Analytical eXL.
Results and Discussion
Charpy-V impact test ductile-to-brittle transition curves have been obtained both for the not aged material and for all aging treatment conditions, as shown in Figure 2 . This steel has been fabricated by ASO Siderurgica S.r.l. (Ospitaletto, Italy), starting from a selected scrap charge and according to a specially developed operative practice through an Linz-Donawitz furnace and vacuum degassing secondary metallurgy. The steel is used for a heavy section forged ring to be employed in the power generation industry.
The J-Factor for the produced superclean steel is calculated by putting the weight percents of Mn, Si, P, and Sn in Equation (2) . The obtained value is well below the limit given for normally clean steels, which is around one order of magnitude greater [32] . 
A number of steel blocks (130 × 130 × 210 mm) have been machined out from the forged and heat-treated ring, and have been aged as follows at various temperatures in the critical range for temper embrittlement. First of all, the step cooling heat treatment shown in Figure 1 has been carried out as the reference embrittlement aging. The other aging treatments have been carried out at constant temperature, and each of them is a multiple of one single step of the step cooling treatment. The aging treatments carried out on the investigated superclean steel are reported in Table 2 . Fractographic observations of broken specimens have been carried out by means of a scanning electron microscope LEO EVO 40XVP with microprobe Link Analytical eXL.
Charpy-V impact test ductile-to-brittle transition curves have been obtained both for the not aged material and for all aging treatment conditions, as shown in Figure 2 . From Figure 2 , it can be observed that for all aging treatments carried out from 524 • C to 593 • C, (except the one at 593 • C for 8 h), there is a shift of the transition curves to higher temperatures compared with the curve of the not-aged steel. Many of the curves, however, intersect each other, and therefore the degree of shift towards higher temperatures depends on the level of impact energy.
It is also evident that the ductile-brittle transition fracture curve for the step cooling treatment and for other aging treatments show differences either in some impact value levels or in the shift of the ductile-to-brittle transition, because most probably the various aging temperatures not only have a different influence on the diffusion of impurity and alloying elements which play a role in the temper embrittlement process, but also have a different effect on the modification of carbides which influences the transition from ductile-to-brittle (cleavage or quasi-cleavage) fracture, and may enhance the scatter of the fracture behavior.
In particular, Figure 2 shows that the aging treatment B (593 • C × 2 h) seems to have the most negative effect (∆T54J = 9 • C) on the shift of the ductile-to-brittle transition curve. On the contrary, aging at the same temperature for 8 h (aging treatment F) induces a less negative effect (∆T54J = 1 • C). It could be then concluded that at 593 • C the migration of embrittling elements does not occur, and progressive modification of carbides at increasing treatment time results in an improvement of the fracture behavior.
The longest aging treatment (aging treatment A, 524 • C × 120 h) shifts the curve to higher temperatures (∆T54J = 2.5 • C) than the step cooling treatment (∆T54J = −9 • C); indeed, the step cooling treatment apparently induces an improvement in the fracture behavior (negative shift of the ∆T54J), but this is most probably due to the scatter of impact toughness and its effect on drawing the transition curve. Figure 3 shows the ductile-brittle transition fracture curves for the not aged steel and after the step cooling treatment for the steel investigated in this work, compared with the corresponding curves obtained by Bourrat and Schaff [33] for an 11% CrNiMoV superclean steel. From Figure 2 , it can be observed that for all aging treatments carried out from 524 °C to 593 °C, (except the one at 593 °C for 8 h), there is a shift of the transition curves to higher temperatures compared with the curve of the not-aged steel. Many of the curves, however, intersect each other, and therefore the degree of shift towards higher temperatures depends on the level of impact energy.
In particular, Figure 2 shows that the aging treatment B (593 °C × 2 h) seems to have the most negative effect (ΔT54J = 9 °C) on the shift of the ductile-to-brittle transition curve. On the contrary, aging at the same temperature for 8 h (aging treatment F) induces a less negative effect (ΔT54J = 1 °C). It could be then concluded that at 593 °C the migration of embrittling elements does not occur, and progressive modification of carbides at increasing treatment time results in an improvement of the fracture behavior.
The longest aging treatment (aging treatment A, 524 °C × 120 h) shifts the curve to higher temperatures (ΔT54J = 2.5 °C) than the step cooling treatment (ΔT54J = −9 °C); indeed, the step cooling treatment apparently induces an improvement in the fracture behavior (negative shift of the ΔT54J), but this is most probably due to the scatter of impact toughness and its effect on drawing the transition curve. Figure 3 shows the ductile-brittle transition fracture curves for the not aged steel and after the step cooling treatment for the steel investigated in this work, compared with the corresponding curves obtained by Bourrat and Schaff [33] for an 11% CrNiMoV superclean steel. From Figure 3 , it is evident that for both the superclean steels, the ductile-to-brittle transition curves for the not aged steel and after the step cooling treatment are very close each other, although for the 11% CrNiMoV steel, a ΔT54J of about 12 °C is observed, notwithstanding its very low J-Factor = 1.8 (P = 0.0025%, As = 44 ppm, Sb = 3 ppm, Sn = 13 ppm). These results confirm the low susceptibility of superclean steels to temper embrittlement and suggest that the eventual shift of the impact transition curve is to be related to a fracture mechanism different from intergranular fracture, which enhances the impact toughness scatter.
From the examination of the fracture surface of broken specimens, it could be concluded that none of the tested specimens failed-even partially-by intergranular fracture (i.e., the typical From Figure 3 , it is evident that for both the superclean steels, the ductile-to-brittle transition curves for the not aged steel and after the step cooling treatment are very close each other, although for the 11% CrNiMoV steel, a ∆T54J of about 12 • C is observed, notwithstanding its very low J-Factor = 1.8 (P = 0.0025%, As = 44 ppm, Sb = 3 ppm, Sn = 13 ppm). These results confirm the low susceptibility of superclean steels to temper embrittlement and suggest that the eventual shift of the impact transition curve is to be related to a fracture mechanism different from intergranular fracture, which enhances the impact toughness scatter.
From the examination of the fracture surface of broken specimens, it could be concluded that none of the tested specimens failed-even partially-by intergranular fracture (i.e., the typical fracture mechanism of temper embrittled microstructures). For this reason, it is not possible to associate any of the ∆T54J shift in the ductile-to-brittle transition curves to a temper embrittlement mechanism. Most probably, the amount of atoms of impurity elements available for diffusion towards grain boundaries is not enough to cause embrittlement and a pure intergranular decohesion.
The observed transition of fracture at decreasing temperature goes from a ductile rupture to an almost complete transgranular quasi-cleavage mechanism with only some quasi-cleavage grain facet (as shown in Figures 4-6) .
In the test temperature range −196 • C to −150 • C, all of the impact specimens presented an analogous quasi-cleavage fracture mechanism (see Figure 4 as an example), except for the not aged specimens, for which no quasi-cleavage grain facets were observed.
In the test temperature range −150 • C to −80 • C, the observed fracture surfaces presented a mixed ductile-brittle fracture for all not aged and aged specimens. Figure 5 is representative of this fracture.
In the test temperature range −80 • C to room temperature, the observed fracture surfaces presented a fully ductile fracture for all not aged and aged specimens. Figure 6 is representative of this fracture appearance and shows the ductile fracture of the sample subjected to step cooling treatment and tested at −40 • C. fracture mechanism of temper embrittled microstructures). For this reason, it is not possible to associate any of the ΔT54J shift in the ductile-to-brittle transition curves to a temper embrittlement mechanism. Most probably, the amount of atoms of impurity elements available for diffusion towards grain boundaries is not enough to cause embrittlement and a pure intergranular decohesion.
In the test temperature range −196 °C to −150 °C, all of the impact specimens presented an analogous quasi-cleavage fracture mechanism (see Figure 4 as an example), except for the not aged specimens, for which no quasi-cleavage grain facets were observed.
In the test temperature range −150 °C to −80 °C, the observed fracture surfaces presented a mixed ductile-brittle fracture for all not aged and aged specimens. Figure 5 is representative of this fracture.
In the test temperature range −80 °C to room temperature, the observed fracture surfaces presented a fully ductile fracture for all not aged and aged specimens. Figure 6 is representative of this fracture appearance and shows the ductile fracture of the sample subjected to step cooling treatment and tested at −40 °C. fracture mechanism of temper embrittled microstructures). For this reason, it is not possible to associate any of the ΔT54J shift in the ductile-to-brittle transition curves to a temper embrittlement mechanism. Most probably, the amount of atoms of impurity elements available for diffusion towards grain boundaries is not enough to cause embrittlement and a pure intergranular decohesion. The observed transition of fracture at decreasing temperature goes from a ductile rupture to an almost complete transgranular quasi-cleavage mechanism with only some quasi-cleavage grain facet (as shown in Figures 4-6) .
In the test temperature range −80 °C to room temperature, the observed fracture surfaces presented a fully ductile fracture for all not aged and aged specimens. Figure 6 is representative of this fracture appearance and shows the ductile fracture of the sample subjected to step cooling treatment and tested at −40 °C. 
Conclusions
The temper embrittlement of a 26NiCrMoV14.5 superclean steel has been studied by aging it either according to the API step cooling treatment or by aging at constant temperature. In the latter case, aging temperature corresponded to one of the step cooling temperatures, while aging time was a multiple of the same step time.
Results of Charpy V impact test on not aged and aged specimens and observation of the fracture surfaces led to the following conclusions:
(a) Superclean 26NiCrMoV14.5 steel does not undergo temper embrittlement upon step cooling treatment or after aging at different temperatures and times in the critical temperature range. The maximum T54J shift in the ductile-to-brittle transition curve-compared with not aged steel-has been observed after aging at 593 °C for 2 h (ΔT54J = 9 °C); further aging up to 8 h produced a ΔT54J of only 1 °C; (b) Neither step cooling nor aging at various critical temperatures gave rise to an intergranular brittle fracture; the amount of embrittling impurity elements in a superclean steel does not seem to be enough to cause either temper embrittlement and/or a pure intergranular decohesion; (c) Differences in the ductile-brittle transition curves as a function of the different aging treatments seem to be most probably related to the effect of additional tempering on the steel microstructure, and in particular to the modification of carbides, which influences the transition from ductile-to-brittle (cleavage or quasi-cleavage) fracture.
